Recent experimental and modeling studies in nanolayered metal/ceramic composites are reviewed, with focus on the mechanical behaviors of metal/ nitrides interfaces. The experimental and modeling studies of the slip systems in bulk TiN are reviewed first. Then, the experimental studies of interfaces, including co-deformation mechanism by micropillar compression tests, in situ TEM straining tests for the dynamic process of the co-deformation, thicknessdependent fracture behavior, and interrelationship among the interfacial bonding, microstructure, and mechanical response, are reviewed for the specific material systems of Al/TiN and Cu/TiN multilayers at nanoscale. The modeling studies reviewed cover first-principles density functional theory-based modeling, atomistic molecular dynamics simulations, and mesoscale modeling of nanolayered composites using discrete dislocation dynamics. The phase transformation between zinc-blende and wurtzite AlN phases in Al/AlN multilayers at nanoscale is also reviewed. Finally, a summary and perspective of possible research directions and challenges are given.
Introduction
Metal/ceramic interfaces are of great importance both scientifically and technologically, with applications in structural composites, electroceramic devices, and environmental coatings [1] . For example, the thermal barrier coatings have been widely used to protect gas and jet turbine engines [2] . Such importance has prompted research efforts to develop fundamental structure/property relationships for the metal/ceramic interface structures including the effects of chemistry and atomic structures on the mechanical behavior of metal/ceramic composites [1, 3, 4] . Historically, the major concern in these composites was the adhesive property. As a consequence, to control the mechanical strength of a metal/ceramic interface, research efforts have been centered around the work of adhesion of such materials [3, 5, 6] , along with the development of the theory of metal-ceramic interfaces [4] .
While the strength of metal/ceramic composites is certainly a very important property to be concerned with, recent works [7] [8] [9] [10] on multilayered metal/ceramic at nanoscales opened door for new opportunities from the material design perspective-the improvement in mechanical ductility over ceramics. In specific, research works of multilayered Al/TiN at nanoscales revealed unique mechanical properties during deformations [7] [8] [9] [10] . At 5 nm or below, enhanced plastic co-deformation in Al/TiN was observed [9, 10] . Such co-deformation provides possibility of enabling design of novel metal/ceramic composites with high hardness and improved ductility. Plastic deformations in both metal and ceramic layers are carried over by lattice dislocations that nucleated from interfaces. During deformation processes, these lattice dislocations can propagate inside layers and are then deposited on the interfaces. These deposited dislocations can also interact with interfaces and interface misfit dislocations [11] [12] [13] [14] [15] . The study of interface-driven mechanical phenomena is thus of high interest in metal/ceramic nanolayered materials. The threads of study covered interface structures and interface strengths (including both tensile and shear strengths), dislocation/interface interactions, interface-driven co-deformability, and interface-driven phase transformations. Since most of the studies in nanolayered metal/ceramic composites are in metal/nitrides, in this review we will mainly cover research works related to metal/nitrides, and briefly survey research works in other relevant metal/ceramic material systems.
Nanoindentation has been applied as an effective experimental method to explore different mechanical properties, such as adhesion, hardness, wear resistance, and fracture behavior, of various metal/ceramic multilayers [16] [17] [18] [19] [20] [21] [22] [23] [24] [25] [26] [27] [28] [29] [30] [31] [32] [33] [34] [35] . Generally, the overall hardness of multilayered films is greater than the composed monolithic materials. This hardness enhancement is a very complex phenomenon, and several models have already been developed to explain the strengthening [36] [37] [38] [39] . Recently developed in situ mechanical straining technique in either scanning electron microscope (SEM) or transmission electron microscope (TEM), with the micromechanical testing samples machined using focused ion beam (FIB), provided a new tool to investigate the underlying mechanical response of different metal/ceramic interfaces under different straining conditions [40] [41] [42] . For example, recent quantitative cylindrical micropillars in situ SEM compression results of CrN/ metal systems indicate that shear failure of the interfacial region occurred in two steps: (1) Shear deformation of the entire metal interlayer initiates and (2) an unstable shear-off close to the metal/ceramic interface happens thereafter. The shear-off is suggested to be concomitant with the metal/ceramic interface going from being ''locked,'' with no relative displacement between materials on the two sides of the interface, to being ''unlocked,'' with significant relative displacements [42] . To elucidate the failure mechanisms of Al/SiC interfaces [43] [44] [45] [46] [47] [48] [49] [50] , Chawla and co-workers initiated an in situ TEM mechanical setup with double notch geometrical TEM foils. They found that the failure behavior is layer thickness dependent. The effect of temperature on the compressive stress-strain behavior of Al/SiC nanoscale multilayers has been also investigated. In addition, micropillar compression tests with different loading directions respect to the orientation of interfaces have been performed and loading direction-dependent mechanical strength and fracture response is uncovered. In this review paper, our recent in situ straining TEM work at atomic-scale resolution regarding the phenomena of metal/ceramic interface-mediated dislocation nucleation and migration in ceramics, and phase transformations at interfaces has been highlighted [51] [52] [53] [54] .
Atomistic simulations with empirical interatomic potentials have been demonstrated to be reliable in exploring structure and properties of an interface. However, due to the lack of accurate empirical potentials for metal/ceramic interfaces, atomisticlevel studies of metal/ceramic interfaces are mainly from the first-principles-based density functional theory (DFT) method. In the literature, earlier studies using DFT have been carried out to understand the atomic structure, work of adhesion, electronic properties, and the stability of chemical range of metal/ nitride and metal/carbide interfaces [55] [56] [57] [58] [59] [60] [61] [62] [63] . Most of these studies are focused on understanding the work of adhesion including the tensile strength properties. More recent works [53, 54, [64] [65] [66] [67] [68] [69] [70] [71] [72] [73] [74] [75] [76] [77] expanded earlier studies to interface-driven twinning, crystal structure modification near the interfaces, phase transitions, tensile and shear strengths of interfaces, orientation effects, misfit dislocation effect of interface energy, and precipitation. For twinning studies, DFT is used to calculate the total energies for states that are defined a priori during twinning process. The DFT methods provide the ''ab initio'' understanding of the material chemistry (and associated bonding environment) effect on both the structural and mechanical aspects of metal/ceramic interfaces.
Empirical potentials using the modified embedded atom method (MEAM) [78, 79] provide higher fidelity than the embedded atom method (EAM) [80] or pair potentials in treating metal/ceramic mixed material systems. Recently, the MEAM potential has been employed to carry out molecular dynamics (MD) simulations to study the mechanical behavior of metal/ceramics nanolayers under different loading conditions [81] [82] [83] [84] [85] . Particularly, two metal/ceramic material systems have been studied: Nb/NbC and Ti/TiN. Additionally, there is also a recent effort on using the three-dimensional (3D) discrete dislocation dynamics (DDD) at mesoscale, to model the strain hardening behavior of Al-TiN nanolayered composites [86] .
The arrangement of this review paper is as follows. We first review research works focused on the Al/ TiN and Cu/TiN multilayers at nanoscale. This part includes the experimental and modeling study of the slip systems in bulk TiN, the experimental study of interfaces, first-principles DFT modeling of interfaces, atomistic MD simulations of interfaces, and the mesoscale modeling of interfaces. Then the research works focused on the Al/AlN multilayers at nanoscale are reviewed. Finally, a summary and perspective are given.
Al/TiN and Cu/TiN multilayers
Experimental and modeling studies of the slip systems in bulk TiN
In this subsection, the experimental and modeling studies related to the slip behavior of bulk TiN are reviewed. Li et al. [52] explored the nucleation mechanics of dislocations in TiN using high-resolution TEM (HRTEM). In this work, the atomic strains are measured by a careful processing of the atomic displacement information observed from HRTEM images. In addition, the corresponding stresses are determined from first-principles DFT calculations.
TiN has B1 (NaCl-type) structure with a mixed bonding including covalent, metallic, and ionic [52] . In the partial dislocation case, it is determined that the slip system is {111}\110[, while in the full dislocation case, the slip system is {110}\110[. In the literature, {110}\110[ has been commonly believed to be the room temperature slip system in TiN, while the slip system {111}\110[ has never been observed experimentally. Li et al. [52] have for the first time confirmed two activated slip systems: {111}\110[ and {110}\110[. The estimated critical shear stress for nucleation of partial dislocation is 13.8 GPa and for the full dislocation 6.7 GPa [52] . Figure 2 shows the generalized stacking fault energies (GSFE) of TiN calculated from DFT [52, 87] . In Fig. 2a , the slip planes are in {100} and {110}, and shear displacement along \110[. The GSFEs on {110} slip plane are much smaller than on {100} slip plane which has unstable stacking fault energy of 2.5 J/m 2 .
In Fig. 2b [87] . Recently, Yu et al. [88] also calculated the GSFE for a range of B1 MX compounds (M = Ti, Zr, Hf, V, Nb, Ta and X = C, N). They suggested that [88] the stable stacking fault energy and the associated width of splitting are possible indicators for the most favorable slipping planes. Using DFT, the core structure and Peierls stress of both edge and screw character dislocations in bulk TiN were modeled [89] . This is the first time that DFT has been used to study dislocation and its Peierls stress in a multielement ceramic material. The authors used a direct approach to compute the Peierls stress from DFT simulations (s p DFT ), adopting the triclinic supercell geometry which contains a dislocation dipole in the supercell. Once the Peierls stress is determined from DFT, a correction to the Peierls stress is applied. This correction is due to the attractive force between dislocation dipole when perturbed from equilibrium quadrupolar configuration. A quantitative estimation of the underestimation of Peierls stress is derived from anisotropic elasticity by calculations of the stress fields arising from an infinite array of dislocation dipoles due to periodic images [90] [91] [92] . This is computed as the derivative of the elastic energy of the dislocation dipole with periodic arrangements with respect to the dislocation position. In Table 2 From the above study [89] , the preferred slip systems for edge and screw dislocations are established. It was determined that the Peierls stress is the smallest for slip along the {110} plane, and largest for slip along the {001} plane, for both edge and screw dislocations. The second lowest Peierls stress slip system in TiN is [1 10 ](111) due to the partial metallic bonding of TiN, and the a 0 /2[1 10](111) edge dislocation dissociates into two partial dislocations. In TiN, the lowest Peierls barrier of the screw dislocation is comparable to that of the edge dislocation. However, it is noted that for screw dislocation, the second lowest Peierls barrier with slip along (111) is much higher than the edge dislocation counterpart (see Table 2 ).
Recently, Li et al. [51] have also characterized plastic deformation of TiN at room temperature with the glide of 1/2\110[{ 1 10 } dislocations that nucleate from surfaces beneath an indenter. The critical resolved shear stress (CRSS) corresponding to the glide of an isolated dislocation was estimated to be * 2 GPa, which is in good agreement with the DFT result (1.3-1.4 GPa) considering uncertainty factors in experiments. 
Experimental study of interfaces
Co-deformation mechanism in metal/ceramic multilayers uncovered by micropillar compression tests
In the former section, the mechanical response of bulk TiN has been reviewed. Our previous studies have uncovered that when TiN layer is embedded between two metal layers to form multilayered morphology, the correlated hardness and deformation characteristics are layer thickness dependent [93] . Previous nanoindentation work in Al/TiN nanoscale multilayers with two different layer thickness ratios (namely Al:TiN = 9:1 and 1:1) has shown the exceptionally high hardness (about 5-6 GPa) and their co-deformability at small individual layer thickness and equal volume fraction [7, 8] . In order to explore the co-deformation phenomenon, the mechanical behavior of these thin films has been investigated through micropillar compression tests [9] . Figure 3 presents the SEM micrographs of Al 2-nm/TiN 2-nm pillar before and after compression to a total strain of * 11%. It is noted that the deformed pillar shows no sign of forming localized shear band. The mechanical response in the Al/TiN pillar at layer thickness of 2 nm is very different from that of Al/Al 3 Sc pillars [94] , in which the pillars exhibited a bulging or ''mushrooming'' near the top. The truestress-true-strain curves obtained from the pillar compression experiments are shown in Fig. 3c . As marked in the plot, there are three stages in the mechanical response of Al/TiN pillars: (I) a linear elastic regime with a slope of * 80 GPa until the first yield point is reached (at this point, r 0 * 1.8 GPa, e 0 * 0.022); (II) a second linear regime until a strain of 0.075. The slope in this range changes from * 24 to 31 GPa. In this regime, the Al is plastically deformed by strain hardening and TiN is elastically deformed; and (III) a nonlinear regime. The flow strength at the peak is * 4.6 GPa. The total retained plastic strain in the pillars is * 5% before onset of softening/shear band formation. The strain hardening rate of Al/TiN pillar at layer thickness of 2 nm is extremely high.
In situ TEM straining tests to directly capture the dynamic process of the co-deformation in metal/ceramic multilayers The ex situ micropillar compression experiments presented here uncover the phenomena of interfaceenhanced plasticity in ceramic TiN layers and codeformation behavior in the whole composite. In order to directly capture the dynamics of this process, in situ straining in the TEM has been performed to quantify the strain state in both the TiN and Al phases [10] . Four sequent TEM snapshots of an Al 50-nm/TiN 50-nm multilayer undergoing in situ nanoindentation are shown in Fig. 4 . As the indentation proceeds into the foil, pronounced cracking happens in TiN layers, while the Al layers deform plastically. The thickness of the first Al layer beneath the indenter reduces from 45 to 37 nm and finally to 27 nm. The Al (111) plane, initially aligned with TiN (111) plane, rotates approximately 9°during this process, in which a low-angle tilt boundary forms. The rotation can be attributed to the pileup of dislocations at the Al-TiN interface from Al side. Additionally, multiple R3 incoherent twin boundaries (ITBs) in the Al were observed to migrate during this process. In comparison, no thickness reduction in TiN layers has been measured. Figure 4c shows the crack initiation from the Al-TiN interface. The label ''Crack I'' represents a mode I crack which happens as a result of the bending of the TiN layer. The second crack in Fig. 4d initiates from the top surface of the TiN layer. This observation indicates the lack of codeformation when layer thickness is 50 nm or larger, and is consistent with the ex situ nanoindentation experiments conclusion [8] .
At smaller layer thicknesses, 5 nm or below, former described micropillar investigation revealed the evidence of co-deformation in both the Al and TiN phases. Here, a bunch of TEM micrographs of the Al 5-nm/TiN 5-nm multilayers during in situ indentation have directly uncovered the kinetic process [10] . As shown in Fig. 5a , b, the phenomena of thickness reduction in both Al and TiN layers were uncovered. A significant plastic deformation happens in the second Al layer, leading to the thickness reduction from 5.5 to 1.9 nm. In addition, a tilt boundary associated with a high density of dislocations in the Al layer has formed. The local radius of the first TiN layer beneath the indenter decreases from the initial infinity to the range of 102-156 nm (Fig. 5b) . Meanwhile, the correlated thickness reduces from 5.87 to 5.02 nm, evidenced in Fig. 5d , e. One lattice dislocation in the TiN layer is identified (in Fig. 5f ), indicating the happening of plastic deformation in the TiN layer. Furthermore, when the layer thickness reduces to 2.7 nm, our in situ TEM compression tests (not shown here) have uncovered that both Al and TiN layers right beneath the indenter experience a significant thickness reduction, corresponding to a strain of * 64%, with no sign of any crack formation.
Thickness-dependent fracture behavior in metal/ceramic multilayers
Except for the co-deformation mechanism uncovered by in situ TEM straining studies, the indentation fracture behavior of Al/TiN multilayers have been explored by in situ SEM indentation and found to be closely correlated with the layer thickness and strain rate [95] . Lateral cracking prefers to happen when strain rates are low, while enhanced strain rates favor the formation of radial cracks. A schematic of the full fracture system is depicted in Fig. 6 .
Due to the limited strain rates available, each multilayer exhibits only a portion of the fracture system as will be described below. Beginning with the largest bilayer thickness, the Al 90-nm/TiN 10-nm multilayer shows only shear band formation along the face of the indenter. These shear bands can also be thought of as lateral fracture planes. As the strain rate is decreased, the spacing between shear bands in the Al 90-nm/TiN 10-nm multilayers decreases as well. If the strain rate were orders of magnitude higher, for example, a ballistic rate of the order of 10 6 1/s, radial fracture would most likely occur. At the other end of the lateral/radial fracture system is the behavior of both the Al 2-nm/TiN 2-nm and Al 5-nm/TiN 5-nm nanolaminates depicted in Fig. 6 . Here, both laminates show only radial cracking. It is thought that much slower strain rates (* 10 -10 ) would be necessary for lateral shear band formation for these nanolaminates. At the strain rates available (10 -3 * 10), there was no change in fracture toughness since there was no change in deformation mechanism. By far the most complex and interesting deformation is exhibited by the Al 9-nm/ TiN 1-nm multilayers. At a strain rate of approximately 10 -3 1/s, both lateral and radial fracture mechanisms are active. A strain rate lower than 
10
-3 1/s exhibits only lateral shear bands, while an increase in strain rate decreases the load necessary for permanent radial crack formation by about half. It is observed that shear bands are forming at the expense of radial crack formation as the strain rate decreases [95] . This behavior increases the laminate's apparent indentation fracture toughness by roughly 50% when the strain rate decreases from 1 to 10 -3 1/s. The slower strain rates favor lateral shear bands, and therefore, radial fracture is suppressed.
Interrelationship among the metal/ceramic interfacial bonding, the microstructure, and the mechanical response
The DFT calculation in the next section has revealed that the orientation relationship at metal/ceramic interfaces is not only determined by lattice mismatch but also by the strength of bonding at the interface [69] . Since the bonding between Al and N at interfaces is strong, a preferred orientation relation tends to be established at the Al/TiN interface. While for Cu/TiN interfaces, the bonding between Cu and N is much weaker, there is no clear preferred orientation relation for Cu/TiN interfaces. The TEM micrographs shown in Fig. 7a , b [96] are consistent with the DFT conclusion. Figure 7a The hardness of Cu-TiN and Al-TiN as a function of the inverse square root of their bilayer thickness is plotted in Fig. 7c . It is clear that the hardness of AlTiN system presents a Hall-Petch-type relation with the bilayer thickness when the bilayer thickness is larger than 50 nm. For bilayer thickness \ 50 nm, the hardness becomes constant at 6.3 GPa. On the other hand, the Hall-Petch rule appears to be much weaker in the Cu-TiN multilayers. The Cu-TiN films with a large range of bilayer thickness (bilayer thicknesses \ 200 nm) show a narrow range of hardness change (4.9 * 5.7 GPa). Only when the bilayer thickness increases to 400 nm, a slight decrease in hardness has been captured. It seems the strengths of these samples are determined by their grain sizes, rather than their layer thicknesses. In addition, the correlated deformation mechanisms differ in these two systems. For example, the Al-TiN multilayers exhibit plastic co-deformation when the layer thickness is 5 nm or below, while no similar scenario is expected to happen in the Cu-TiN system.
First-principles-based DFT modeling of interfaces
The Al/TiN interface considered has orientation relation Al{111}||TiN{111} and Al\110[|| TiN\110[ as shown experimentally [10] . The {111} planes of TiN consist of alternating layers of Ti and N atoms, so-called the polar layers. There are three possible high symmetry stacking sequences at the polar Al/TiN (111) interfaces, shown in Fig. 8 , as initially considered in Ref. [61] . The ''FCC'' (face centered cubic) stacking is in ''abc'' sequence, a continuation of the FCC Al stacking sequence across the interface; the ''HCP'' (hexagonal close-packed) stacking is in ''aba'' sequence at the interface; the ''OT'' (on top sites) stacking is in ''abb'' sequence at the interface.
Liu et al. [61] studied first the Al/TiN (111) interfaces using DFT. They found that the FCC stacking sequence closest to the TiN stacking sequence has the strongest adhesion, for both Ti-and N-terminated interfaces. The bonding is predominantly covalent at the N-terminated interface, while the bonding is predominantly metallic at the Ti-terminated interface [61] . Using DFT, the tensile and fracture processes of this interface were also simulated [97] . It is observed that fracture happens within the softer Al side and the fracture process has an elastic deformation stage [97] .
The interface formation energy of polar interface such as in Al/TiN (111) interface depends on the chemical potential of N. Using first-principles thermodynamics [98] , Yadav et al. [69] combined the partial pressure of N during growth of the film to DFT calculated result. It is estimated that at the growth conditions of N pressure of 10 -3 to 10 -2 atm, at temperature of 400-500 K, the N-terminated Al/ TiN interface is energetically preferred [69] .
Recently, Yadav et al. [72] identified an unusual phenomenon of interfacial structural modifications, due to the interface chemistry influence at the Al/ TiN (111) [72] , so the lattice misfit is 4.95% (expt.)/4.42% (DFT) [72] . The DFT calculations were carried out at the coherent Al/TiN (111) interface using a bilayer model, with the softer Al side strained biaxially to match the lattice parameter of TiN. By calculations of GSFE surface (or c surface), they found that there is a structural modification to the interface structure. As shown in Fig. 9 , the new interface structure corresponds to the stacking faulted interface structure, with the stacking fault between the first and second Al layers away from the interface. From the electron density-related electron localization function contour plot, it is suggested that there is an extended electron density (thus stronger bonding) at the faulted region near the interface, thus providing the explanation of the electronic origin behind such structural modification at the interface. It is further suggested that such bonding change is due to the influence from the underlying N dangling bonds at the interface [72] .
With the faulted interface structure as the starting structure, the recalculated DFT GSFE energies of various Al planes away from the interfaces with displacements along [112] direction are shown in Fig. 10 . It is found that for the Al layers next to the faulted plane in the interface (in Fig. 9 , marked as ''Al2/Al3''), the stacking fault energy is only about 1/10 of the corresponding value in the bulk Al (140 mJ/m 2 ), 16 mJ/m 2 . This result has significance in the interface misfit dislocation network, as suggested by combining the DFT energetics with linear elasticity theory. The interface misfit dislocation network, consisting of partial dislocations, is more likely to be at the Al2/Al3 Al layers. This has impact on the mechanical response of Al/TiN nanolayered composites, in terms of dislocation interactions and dissociations at the interface, and dislocation transmission across the interface [72] . The chemical effect identified above [72] can also occur in other nanolayered material systems. Using DFT, Zhang et al. [42] demonstrated such effect on the Ti/TiN interface which showed that a weak interaction plane exists in the metal layer near the chemical interface. And consequently, the free energy and theoretical shear strength of the semi-coherent Ti/TiN interface are found to be dependent on the physical location of the misfit dislocation network. The minimum energy and strength of the interface occur when the misfit dislocation network is near, but not at the chemical interface. Such results are used to explain the observed mechanical failure of CrN/Cu/ Si and CrN/Ti/Si ceramic interfacial regions under shear loading [42] .
The bonding between Cu and N is considered to be rather weak, evidenced by experimental observations that Cu can only form with N compounds in metastable forms [101, 102] . DFT calculations [69] showed that the formation energies of Cu/TiN (111) interfaces are substantially higher than the Al/TiN (111) interfaces, positive values regardless of N-or Titerminated interfaces. And both terminations can form in the growth conditions. Due to the weak bonding between Cu and TiN, as well as the large lattice constant mismatch (* 17%) between Cu (Cu lattice constant 3.61 (expt.) [103] /3.63 (DFT) [69] ) and TiN, the Cu/TiN (111) interface can have two in-plane orientation relations at the interface plane. These are Cu\110[||TiN\110[, or Cu\110[||TiN\112[. The latter case means a rotated TiN substrate, reducing the lattice misfit strain to * 1.7%. Both orientation relations have been observed in experiments [104] . Yadav et al. [69] calculated the interface strengths for both Al/ TiN (111) and Cu/TiN (111), obtaining the tensile and shear stress versus loading displacement curves in DFT simulations. In the Cu/TiN cases, the two orientation relations were referred to ''matched'' and ''rotated'' interfaces [69] . Here we focus on the shear results only.
In Fig. 11 , the results of shear stress versus shear loading displacement in the DFT simulations for Al/ TiN and Cu/TiN are shown, for both N-and Ti-terminated interfaces. The shear direction is mainly along \112[, since it was identified as the lowest shear strength direction in Al/TiN. For Cu/TiN ''rotated'' interfaces, both \112[ and \110[ shear directions were used. As shown in Fig. 11 , the N-terminated Al/TiN interface has an ideal shear strength of 19 GPa, much higher than the Ti-terminated Al/TiN interface (3.3 GPa). The ideal shear strengths in Cu/TiN cases are considerably lower, ranging from * 2.8 GPa in the ''matched'' Cu/TiN interfaces to \ 1.2 GPa in the ''rotated'' Cu/TiN interfaces. While the calculated ideal shear strength in Al/TiN is much higher than the bulk Al value of 3.2 GPa, the ideal shear strengths in Cu/TiN are lower than bulk Cu value of 3.0 GPa.
Atomistic MD simulations of interfaces
Due to unavailability of reliable Al:TiN and Cu:TiN interatomic potentials, recent MD simulations instead focused on material interfaces of Nb/NbC [81] [82] [83] [84] 105] and Ti/TiN [42, 85] . These works used the MEAM potential [78, 79] and focused on the mechanical responses of interfaces in different loading conditions. Therefore, these studies are of high relevance to the reviewed topics in this paper. There is also an effort to study the Ti/TiC interface from MD simulations using charge optimized many-body (COMB) potential [106] , which focused on the structural aspect of the interface only.
Salehinia et al. [82] first reported their MD simulations of plastic deformation in Nb/NbC multilayers. During the MD simulations, the Nb/NbC bilayer model is subjected to a uniaxial compressive loading normal to the interface plane with a strain rate of 3x10 8 /s. The plastic deformation commences in the Nb part first, with dislocations nucleated from the interface and glide in the Nb layers [82] . These dislocations are then deposited at nearby interfaces. At the peak stress, the dislocations transmit into the NbC layer in the form of localized cracks marked by a solid loop [82] . It is also observed that in the MD simulations, the strain hardening increases for multilayers with higher ratio of ceramic layer thickness to the metal layer thickness. Later works [84, 105] also carried out MD simulations of Nb/NbC multilayers under both uniaxial and biaxial in-plane loading conditions. The yield loci were obtained for different metal/ceramic layer thickness ratios. Since the strain rate in MD simulations is much higher than the experiments, which is typically 0.001/s [84] , the yield strengths in the order of 10-20 GPa are much larger than the typical range of experimental observations. Damadam et al. [84] also gave an example how to estimate the flow stresses in experimental strain rates using classical nucleation rate theory. The effect of preexisting dislocations on the mechanical response of Nb/NbC multilayers is also studied in the MD simulations [82, 105] . Very recently, Yang et al. [85] also studied the deformation behavior of Ti/TiN multilayers using MD simulations with a MEAM potential. The compressive loading conditions are applied to the bilayer model of Ti/TiN, with a strain rate of 3x10 8 /s. Three distinctive peaks in stress-strain curves are observed, as shown in Fig. 12 . The first two peaks are associated with dislocation nucleation from the interface, and from the pyramidal slip planes in Ti, while the third peak is associated with dislocation nucleation or transfer into the TiN layer, as shown in Fig. 13 . At this point, the metal and ceramic layers co-deform plastically together.
Mesoscale modeling of interfaces
Using a 3D DDD model, Huang et al. [86] studied the mechanical strain hardening behavior of Al/TiN nanolayered composites induced by plastic incompatibility. There are a few assumptions in this model, namely (a) the TiN layer is purely elastic; (b) the Al and TiN are forced to deform together at the interfaces; and (c) the dislocation nucleation from the interfaces and dislocation transmission across the interfaces are not considered.
In the 3D DDD simulations [86] , uniaxial compression is applied perpendicular to the interfaces of Al/TiN. Dislocation loops are pre-arranged in the Al layers randomly in the Al slip systems. After yielding, the continued loading drives the motion of dislocations and generates plastic strains in Al layers. The lateral expansion in Al layers due to dislocation motions induces compressive stresses in Al layers due to the plastic incompatibility between (plastically deformed) Al and (elastically deformed) TiN. And such compressive stresses will in return slow down the motion of dislocations, leading to strain hardening. In Fig. 14 , the stress-strain curves for different layer thickness ratio between Al and TiN are shown. With increased Al-to-TiN thickness ratio, the strain hardening decreases, in agreement with MD simulation results [82] .
The picture generated from 3D DDD modeling at least partially correlates well with earlier 3D crystal elastic-plastic model by Wang and Misra [14] . With the consideration of elastic-plastic constitutive equations including stress equilibrium, plastic compatibility, and boundary conditions, Wang and Misra [14] solved for the stresses, strains, and dislocation densities in the multilayered Al/TiN model. In the theoretical model considered [14] , interfacial dislocations are nucleated from the Al side of the interface, glide in Al layers, and are finally deposited at two adjacent interfaces. These deposited dislocations will generate a compressive stress in Al layers; reducing the local resolved shear stresses thus cause strain hardening. In the TiN layers, these dislocations will generate a tensile stress, increasing the local resolved shear stresses. With decreasing TiN layer thickness, the local resolved shear stresses are found to be increasingly large due to the interaction of deposited dislocations at adjacent interfaces. It is concluded that with high density of deposited interface dislocations at the interface, the increasingly large local resolved shear stresses can exceed the CRSS needed to enable the nucleation and glide of dislocations in TiN layers.
Al/AlN multilayers
Another variation in interface properties is the occurrence of phase transformations. Our previous in situ indentation in TEM has indicated that phase transformation of AlN can happen during compression tests [53, 54] . Cross-sectional TEM images of the Al-AlN-TiN multilayers with different individual layer thickness are shown in Fig. 15 (Al * 3.5 nm, AlN * 1.5 nm, and TiN * 5 nm). The DP of the films and the corresponding high-resolution TEM image in Fig. 15b (111), wz-AlN ||Al [110] ||TiN [110] . The correlated transformation provides 0.65% in-plane and -1.3% out-of-plane strain. The accumulated stress or strain resulting from this transformation is expected to be accommodated by the plastic deformation in the metal layer.
By in situ indentation tests, the kinetic processes of phase transformation are revealed. Fig. 16d . Finally, the zb-AlN transforms into the wz-AlN structure entirely under further straining (in Fig. 16e) . At this stage, the layer thickness of AlN decreases about 4.6%.
Here, two microstructural features are noted: (1) There is a sharp boundary at the interface (zb-AlN and wz-AlN), and (2) after phase transformation, there is little change in layer thickness. These can be explained by the collective gliding behavior on every two (111) planes by Shockley partials [107] . On (111) partial dislocations, a local FCC structure can be changed to HCP structure in six atomic layers. Additionally, it is noted that the sum of the Burgers vector of involved Shockley partials is zero; therefore, the boundary is sharp.
As described before, the phase transformation of zb-TiN to wz-AlN is accomplished through collective glide of Shockley partial dislocations on {111} planes of zb-AlN. It is expected that if the Shockley partials glide to the opposite direction, the converted wz-AlN phase is able to transform back to the original zb-AlN phase. Our recent in situ HRTEM indentation experiments have uncovered the reversibility of the phase transformation happening between wz-AlN and zb-AlN phases. As enclosed by the yellow dashed box in Fig. 17b , a finite volume of newly generated wz-AlN emerges. When the indenter is further pushed into the film, the volume of the nucleated wurtzite phase grows, whereas when the local stress state changes to the opposite, the nucleated wz-AlN phase transforms back to zinc-blende phase and finally disappears (as shown in Fig. 17e, f ).
Summary and perspective
In summary, recent experimental and modeling studies in nanolayered metal/ceramic composites, with specific material systems of Al/TiN, Cu/TiN, and Al/AlN, are reviewed. In the experimental studies reviewed, in situ straining TEM work at atomic-scale resolution regarding the phenomena of metal/ceramic interface-mediated dislocation nucleation and migration in ceramics, and phase transformations at interfaces have been highlighted. The modeling studies reviewed cover first-principles DFT-based modeling, atomistic MD simulations, and mesoscale modeling of nanolayered composites using DDD. The threads of studies cover interface structures and interface strengths including both tensile and shear strengths, dislocation/interface interactions, interface-driven co-deformability, and interface-driven phase transformations.
Although systematic studies of metal/ceramic interfaces started in the early 1960s, our understanding of the relationship between interface geometry and chemistry with correlated mechanical response is still quite limited [1, 23, 108, 109] . In addition, the complication arises due to the fact that the interfacial bonding, closely correlated with misfit dislocation structures, presents different characteristics on different crystallographic planes. HRTEM allows direct imaging of atomic configuration at the interface. As described in this paper, when HRTEM is integrated with in situ mechanical straining tests, the underlying scientific phenomena of interfacemediated dislocation nucleation, propagation and interactions can be observed at atomic scale, which significantly extend the frontier of our knowledge. However, the major disadvantage is that HRTEM cannot provide any information of interface chemistry. This drawback could be remedied with the usage of electron energy loss spectroscopy (EELS), which is particularly useful for investigating the elemental and electronic structure of metal/ceramic interfaces. In some cases, the correlated resolution can be extended to the atomic length scale. It is anticipated that in the future, more and more EELS characterization will be applied to both in situ and ex situ mechanical tests to uncover the influence of interface bonding and electronic structure on the mechanical properties of interfaces.
On the modeling side, although current simulation methodologies used in the study of metal/ceramic interfaces have achieved some successes, there are several challenges which may also serve as further development opportunities. DFT is an accurate modeling method by treating each atom in a quantum mechanical manner, thereby capturing the important chemistry effect on metal/ceramic interfaces. Due to the high computational cost, the size of DFT simulation supercell is still undesirably small, often within a few hundred atoms. The small size of simulations severely limits the scope of mechanical phenomena that DFT can treat, and brings challenge in dealing with the slip behaviors of dislocations or dislocation dipoles at metal/ceramic interfaces. Here, innovative design of simulations along with application of the elasticity theory of dislocations is needed to address such challenge. For the atomistic MD simulations, while there has been good progress made in understanding the deformation behavior of metal/ceramic interfaces, the interatomic potentials used need to be further validated with DFT, and further developed to accurately capture the complex chemical bonding at the interfaces as well as in the ceramic side, to improve the fidelity of these potentials. One possible solution is to use the machine learning-based interatomic potential approach, which could attain the DFT-level accuracy [110] . Another issue of atomistic MD simulations is the unrealistically high strain rates applied. Possible solution is usage of accelerated MD techniques such as parallel replica dynamics method [111] . Lastly, DDD simulations are a potentially powerful tool in modeling the plastic behavior of metal/ceramic interfaces. The challenge of DDD is to incorporate as much as possible the atomistic understanding of slips and physics of dislocation interactions, to predict (and to minimize the effect of parameters fitting) the deformation behavior of metal/ceramic interfaces.
